Mechanically alloys in the Al-Mg binary system in the range of 5-50 at.% Mg were produced for prospective use as metallic additives for propellants and explosives. Structure and composition of the alloys were characterized by x-ray diffraction microscopy (XRD) and scanning electron microscopy. The mechanical alloys consisted of a supersaturated solid solution of Mg in the ␣ aluminum phase, ␥ phase (Al 12 Mg 17 ), and additional amorphous material. The strongest supersaturation of Mg in the ␣ phase (20.8%) was observed for bulk Mg concentrations up to 40%. At 30% Mg, the ␥ phase formed in quantities detectable by XRD; it became the dominating phase for higher Mg concentrations. No ␤ phase (Al 3 Mg 2 ) was detected in the mechanical alloys. The observed Al solid solution generally had a lower Mg concentration than the bulk composition. Thermal stability and structural transitions were investigated by differential scanning calorimetry. Several exothermic transitions, attributed to the crystallization of ␤ and ␥ phases were observed. The present work provides the experimental basis for the development of detailed combustion and ignition models for these novel energetic materials.
I. INTRODUCTION
Metals with high volumetric and gravimetric combustion enthalpies are of interest as materials with high energy densities. Aluminum, in particular, and aluminumbased alloys have been investigated as additives in various fuel formulations for propellants, explosives, incendiaries, or pyrotechnics. [1] [2] [3] Practical applications are limited, however, since chiefly kinetic obstacles such as long ignition delays and slow burning rates prevent the theoretical combustion enthalpies from being fully exploited at the specific reaction rates required. Based on recent research that linked internal phase transformations to macroscopic events during combustion of metal particles, interest in metastable intermetallic materials has developed. 4 The present paper discusses supersaturated solid solutions in the aluminum-magnesium binary system. Several reports in the combustion literature indicate performance advantages of Al-Mg alloys. Magnesium has been of particular interest as an alloying component for its enhanced ignitability. 5 Most experimental work however was conducted on Al-50% Mg alloys, which exhibit a significantly reduced specific combustion enthalpy compared to pure Al. Materials for energetic applications should therefore be tailored to balance the high specific combustion enthalpy of the Al component against the enhanced ignitability of the Mg component.
Recent observations suggest that ignition and combustion of aerosols of Al-Mg mechanical alloys are significantly enhanced compared to equilibrium alloys or blends of elemental powders. Metastable Al-Mg alloys with Mg concentrations ranging from relatively low values of 5 to 50 at.% showed increased burning rates and lower ignition temperatures. 6, 7 Detailed characterization of phase relations and the degree of metastability in metastable Al-Mg alloys are needed to attempt performance optimization of these materials as advanced energetics. This information is also necessary to model processes of combustion of metallic fuel particles, specifically to quantitatively predict ignition behavior as a function of heating rate and of the particles' environment. 8 The purpose of the present research is to characterize mechanical alloys in the system Al-Mg with the specific goal to optimize materials for combustion applications and to address issues arising for large-scale production.
II. BACKGROUND
Phases in the binary Al-Mg system relevant to the present work include the ␣ Al, ␤ (Al 3 Mg 2 ), and ␥ (Al 12 Mg 17 ) phases. Under equilibrium conditions, the concentration of magnesium in the ␣ aluminum structure is 0.21 at.% at room temperature; maximum solubility at 450°C has been reported as 16.23%, 9 or 18.6%. 10 The compositional range of the ␤ phase is given as 38.5-40.3% Mg in Ref. 11 , while the equilibrium Mg concentration of the ␥ phase ranges from 45% to 60% at its greatest extent at about 440°C.
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Metastable intermetallic materials are readily produced by mechanical alloying (MA). MA, a nonequilibrium powder metallurgical method to prepare highly metastable materials, was first devised by Benjamin, 12, 13 and has since found wide application for the production of structural (e.g., oxide dispersion hardened) materials, or mechanically activated materials with increased reactivity. An extensive review was given recently by Suryanarayana.
14 Structure and stability of a set of mechanical alloys in the system Al-Mg were reported previously for compositions with 40, 60, and 80 at.% Mg 15 and 30 and 50 at.% Mg. 16 Supersaturated ␣ phase and ␥ phase have been found to form by MA, while in contrast, ␤ phase never forms. Amorphous material was inferred from mass balance considerations.
Systematic information on phase makeup and the degree of supersaturation of the ␣ phase specifically in mechanical alloys with low Mg concentration is lacking. Reliable thermodynamic characterization of subsolidus reactions occurring in Al-Mg mechanical alloys on heating is also not available. The specific properties of the prepared mechanical alloys generally depend on bulk composition as well as on MA process parameters. Several types of alloying apparatus are currently in use (e.g., shaker mills, planetary mills, attritor mills), yielding different results and suitable for alloy preparation on varying scales. At present, it is not clear whether the same mechanical alloy can be produced using different types of mills by appropriate adjustment of process parameters. A thorough understanding of the relations of alloy properties and process parameters is therefore needed to identify alloying conditions required to obtain consistent results with different devices.
III. EXPERIMENTAL A. Mechanical alloying
A set of samples with bulk compositions of 5, 10, 20, 30, 40 , and 50 at.% Mg were prepared in a SPEX 8000 shaker mill (Spex Certiprep, Metuchen, NJ). Mechanical alloying is sensitive to a set of process parameters such as the degree of filling of the milling vials, the size and size distribution of the milling medium, and the presence of process control agents (PCA) that balance cold welding against fracturing and grinding. In the present study, milling was carried out until the mechanical alloy showed no structural or compositional changes with increasing milling time. Optimum milling parameters required to achieve this stationary state in a minimum amount of time were determined in a series of separate experiments before actual sample preparation was begun. Starting materials were elemental powders of Al (99.8% −100 mesh) and Mg (99% −325 mesh). For synthesis, 10 g initially unmixed metal powder were milled in zirconia vials under argon atmosphere with 2 wt.% stearic acid [CH 3 -(CH 2 ) 16 -COOH, 99%] added as PCA. Zirconia balls of 10 mm diameter and a total mass of 50 g were used as the milling medium, giving a ball-topowder weight ratio (BPR) of 5. For comparison, a limited set of samples was milled with 2 g of powder, 26 g of balls (BPR 13), and 4% PCA. Samples were milled for a total time of 12 h each. The sample temperature rose to 50-60°C during milling. Moderate sample caking posed a problem for milling effectiveness; milling for extended periods of time also limits the useful lifetime of the mill. Therefore, milling was carried out in intervals of 180 min, after which the mill was allowed to cool to room temperature, and caked samples, if present, were manually broken apart in a glove box under protective Ar atmosphere.
Milling progress was monitored for an individual alloy (30% Mg) in a separate experiment by sampling the alloying product in 180-min intervals. Milling was carried out on a mill with two stations, labeled A and B for reference. During the first 15 h of milling, only the vial on station A was sampled, while the vial on station B was left unopened. Vial B was then sampled from 18 to 30 h, and vial A was sampled again after 33 and 36 h. The final sample, after 39 h of milling was taken from both vials. To avoid systematic bias in the milling parameters, only minute quantities (50 mg) were removed.
B. Sample characterization
Morphology and compositional homogeneity of the mechanical alloys were examined on an Electroscan environmental scanning electron microscope (ESEM) operated at 20 kV. The ESEM is equipped with a Kevex energy dispersive x-ray spectrometer (EDX) that allows standardless compositional analysis with a maximum spatial resolution of approximately 0.1 m.
Composition of the ␣ phase was determined for each mechanical alloy by x-ray powder diffraction (XRD) on a Bragg-Brentano type Philips X'pert MRD diffractometer operated at 45 kV and 40 mA, using Cu K␣ radiation ( ‫ס‬ 1.5438 Å). Crystallite size and lattice strain/ compositional broadening of the supersaturated solid solution were determined using the Williamson-Hall method. 17 Temperature dependent structural transformations were observed by differential scanning calorimetry (DSC) using a TA Q100 series calorimeter as well as a Netzsch Simultaneous Thermal Analyzer STA409-PC (Netzsch, Germany). For the Q100, samples were contained in crimped aluminum pans, and the calorimeter atmosphere was continuously flushed with a 50 ml/min flow of nitrogen. Aluminum sample pans were not crimped for the STA409-PC; the furnace was evacuated to approximately 0.3 bar and backfilled with Ar (Matheson, ultrahigh purity) three times before each measurement. During measurements, the furnace was flushed with Ar at approximately 10 ml/min. DSC traces were recorded between room temperature and 420°C with heating rates ranging from 3 to 25 K/min.
The back-transformation of the mechanical alloys to thermodynamically stable phase assemblages occurred over a wide temperature range (Sec. IV. B). To relate events observed by DSC to structural transitions, DSC runs of Al 0.7 Mg 0.3 and Al 0.9 Mg 0.1 were interrupted at intermediate temperatures, and XRD patterns of these partially relaxed mechanical alloys were collected. The effective quench rates achieved in these experiments were relatively low-about 20 K/min.
For all alloys, a second heating cycle was carried out after each measurement to serve as baseline correction for the measured trace. Poor thermal contact within loosely packed powders with small particle size as well as particle coarsening and sintering at elevated temperatures tend to give rise to spurious baseline effects. To unambiguously distinguish genuine contributions of the samples from baseline effects related to sample preparation, a sample was annealed in the DSC at an intermediate temperature, cooled to room temperature, and then reheated in the DSC to the maximum temperature.
Particle size distributions of the bulk mechanical alloys were measured by low-angle laser light scattering using a Beckman Coulter LS 230 Enhanced Laser Diffraction particle size analyzer. Suspensions for particle size analysis were prepared in ethylene glycol to prevent reaction of the mechanical alloys with water.
IV. RESULTS

A. Structure and composition of mechanical alloys
SEM analysis showed that all mechanical alloys produced in the present study are chemically homogeneous on a scale of ഛ0.1 m, the maximum resolution of the instrument. EDX analyses were only able to resolve the bulk Mg composition of the respective mechanical alloys regardless of the presence of multiple phases observed by XRD. Figure 1 shows a polished section of a mechanical alloy with composition Al 0.7 Mg 0.3 . Individual grains are irregularly shaped; varying degrees of porosity are observed. Figure 2 shows a section of the diffraction patterns of all mechanical alloys. Only peaks of the ␣ phase are observed up to a magnesium concentration of 30%, shifting to lower angles with increasing Mg concentration. Above 20% Mg, the peaks of the ␣ phase develop a noticeable asymmetry, and a broad and weak peak appears around 36.2°, the position of the strongest reflection of the ␥ phase (Al 12 Mg 17 ). At Mg concentrations higher than 30%, the main peaks of the strongly supersaturated ␣ phase are no longer observed, while peaks of the ␥ phase become more pronounced. The asymmetry of the peaks of the ␣ phase develops into a separate peak close to the position of the equilibrium ␣ phase.
The lattice parameter a 0 of the ␣ phase after 12 h of milling was refined from the positions of all x-ray diffraction lines from (111) in Table I and Fig. 3 . The corresponding Mg concentration of the ␣ phase (x Mg ) was calculated according to previously reported linear relations that were established based on rapidly quenched alloys: 18, 19 x ␣ Mg [mol%] ‫ס‬ 2.234(␣ 0 − 4.049Å) ± 0.003 . (1) The equilibrium temperature T eq corresponding to each Mg concentration was calculated from the published relation of the maximum equilibrium Mg concentration of the ␣ phase versus temperature. 9 The molar fraction of ␣ phase in each mechanical alloy was calculated from compositional balance and is given as x ␣ in Table I . Also shown in Table I is the average crystallite size t of the ␣ phase derived from experimental peak widths, as well as the apparent lattice strain ⌬a 0 /a 0 . This value includes any peak broadening due to compositional spread.
The structural development as a function of milling time of a mechanical alloy with composition Al 0.7 Mg 0.3 is shown in Figs. 4 and 5. Figure 4 shows the XRD patterns of the alloy along with the pattern of the starting powder blend. Figure 5 shows the development of the position and the asymmetry of the (111) peak of the ␣ phase over time. Samples were taken from both stations on a double-mill (A and B). From Fig. 4 , it can be seen that after only 3 h of milling the amount of pure Mg has decreased below the detection limit, while peaks consistent with the ␥ phase have appeared. The width of the peaks of the ␣ phase has increased, but their position has shifted only slightly. This peak shift is more significant after 6 and 9 h, and the peaks of the ␥ phase have become wider and weaker. After 12 h, no further change in the position of the peaks of the ␣ phase is observed, and the ␥ phase peaks have nearly disappeared. The peak positions of the (111) peak of the ␣ phase are shown in Fig. 5(A) . To quantify peak asymmetry, a split Pearson VII function 20 was fit to the (111) peak, and integral peak widths (F) were determined for low-angle and high-angle portions of the peak, respectively. The peak asymmetry 19 The data points up to 30% Mg were obtained from alloys milled with 2% PCA and a BPR of 5, while the value at 40% Mg was obtained from an alloy milled with 4% PCA and a BPR of 13. Fig. 5(B) . While the peaks of the ␣ phase from vial A are nearly symmetric at 9-15 h, the respective peaks from vial B after 18 h are split into a strong peak at slightly lower angles and a weaker peak closer to the position of pure aluminum. Although this peak split becomes less pronounced as milling progresses, the peak asymmetry remains. At the end of this experiment after milling for 39 h, it can also be seen that the peaks from vial A develop asymmetry later on during the time that vial A was left unopened. Mechanical alloys produced under different milling conditions are compared in Fig. 6 . An alloy with composition Al 0.6 Mg 0.4 was milled for 12 h with a BPR of 13 and 4 wt.% PCA (compare to Fig. 2 ). The result differs strongly from the alloy milled with a BPR of 5 and 2% PCA. The higher BPR promotes the formation of a strongly supersaturated ␣ phase, indicated by the large peak shift. A lower BPR favors the formation of ␥ phase while compositional balance is maintained by ␣ phase with low Mg concentration.
B. Thermal stability
A set of baseline-corrected DSC traces for mechanical alloys recorded at a heating rate of 15 K/min is shown in Fig. 7 . All mechanical alloys show an endothermic peak near 100°C. This peak is particularly strong for compositions Al 0.8 Mg 0.2 and Al 0.7 Mg 0.3 . The initial endothermic peak is followed immediately by a broad exothermic peak with a maximum around 170°C for alloys with less than 40% Mg. The magnitude of this exothermic peak roughly correlates with the magnitude of the preceding endothermic peak. At temperatures above 250°C, a series of exothermic peaks is observed. Peak temperatures and tentative structural assignment for all observed peaks (Sec. V) are shown in Table II All mechanical alloys show a pronounced exothermic background above 150°C. In Fig. 8 , two scans of Al 0.8 Mg 0.2 mechanical alloy are compared. For reference, one sample was heated over the entire temperature range. The second sample was annealed at 160°C for 1 h prior to heating-close to the peak temperature of the first exothermic peak. As this sample is heated, initially only minor baseline drift is observed. Above 200°C, however, the exothermic shift of the signal rapidly approaches that of the reference sample until the two scans coincide within the reproducibility of the measurement. Thus, the exothermic bias is caused by transformations within the mechanical alloy; it is not an artifact introduced by sample geometry. Figure 9 shows XRD patterns of samples of the Al 0.7 Mg 0.3 mechanical alloy as milled, and heated at 15 K/min to 100, 150, 200, 300, and 400°C, respectively. The temperature resolution in this set of experiments is low; however, the diffraction patterns are still instructive. The peaks of the ␣ phase start to shift back to equilibrium positions at temperatures as low as 100°C. progresses. Figure 11 shows the heat effect and onset and peak temperatures of this peak as a function of milling time. Comparable to the differences between the separate milling vials that are seen in the diffraction patterns (Figs. 4 and 5 ), small differences are observed here as well. After an initial decrease between 3 and 9 h, onset and peak temperatures increase slightly as milling progresses further. The heat effect generally decreases with time, and although there is a marked offset between separate vials, the decreasing trend continues for both vials equally. Contrary to the results from XRD (Fig. 5) , no saturation is observed at the longest milling times; onset and peak temperatures and heat effect appear to continue to change after 36 h. From DSC scans at heating rates varying from 3 to 25 K/min, apparent activation energies for all transitions in the temperature interval 250-350°C have been determined by the method after Kissinger (e.g., Ref. 21) according to the following relation:
⌽ is the heating rate in K/s, T max is the temperature at the maximum of the respective DSC peak, E A is the activation energy, k B is the Boltzmann constant, and N A Avogadro's number. The constant C depends on any specific kinetic model-no such model was applied in this consideration, and thus C was not further interpreted. Both E A and C are determined from linear plots of ln(⌽/ T 2 max ) versus 1/T max . Results are shown in Table III .
C. Particle sizes
The results of the particle size determination for the mechanical alloys with 10-50% are shown in Fig. 12 . The size distributions of the mechanical alloys are generally similar, no systematic change with composition is observed.
V. DISCUSSION
The results reported here expand the experimental coverage of mechanical alloys in the Al-Mg system to low Mg concentrations. At Mg concentrations of 40 at.% and above, current results are generally consistent with previously published findings. Calka et al. (1993) reported the extended solid solubility of Mg in the ␣ phase with 18% Mg for an Al 0.7 Mg 0.3 mechanical alloy, and 45% Mg for an Al 0.5 Mg 0.5 MA. 15 The latter value was derived by deconvoluting strongly overlapping XRD peaks of ␣ and ␥ phases, and is likely to be biased. Zhang et al. (1994) reported ␣ phase with 23% Mg in an Al 0.4 Mg 0.6 MA. 16 The highest Mg concentration observed in this work is 20.8% in Al 0.4 Mg 0.6 . As Figs. 5 and 6 show, the degree of supersaturation of the ␣ phase achievable by MA depends critically on milling conditions. Since the degree of supersaturation of the ␣ phase is not uniquely determined by thermodynamic constraints, some compositional variation must be assumed, and the above values represent therefore (volume) averages. XRD peak widths and particularly peak asymmetry (Figs. 4 and 5) illustrate this point; crystallite size/lattice strain analysis using XRD peak broadening is unable to distinguish between lattice strain and small-scale compositional spread. The direct effect milling parameters have on the resulting phases and their compositional variation is not immediately obvious. Sample caking was observed in nearly all experiments that were carried out with a powder load of 10 g, a BPR of 5, and 2% PCA. No caking was observed during synthesis of an Al 0.6 Mg 0.4 mechanical alloy with 2 g powder load, a BPR of 13, and 4% PCA. Caking is most directly influenced by the amount of process control agent. One aspect of caking is the drastic reduction of milling efficiency-no further alloying occurs once the entire powder load solidly coats the interior surfaces of the milling vials. In addition, the increase in peak asymmetry of the alloy in vial A after it had been left unopened between 15 and 33 h as shown in Fig. 5 strongly suggests that if a mechanical alloy with a wellestablished supersaturated ␣ phase is allowed to form large agglomerates, the ␣ phase starts to disproportionate into a low-Mg and a high-Mg solid solution as milling progresses. Eventually, this trend would result in an assemblage of ␣ phase with near equilibrium Mg concentration and ␥ phase, partially canceling the increased metastability of the mechanical alloy, thought to be responsible for enhanced performance of the Al-Mg mechanical alloys as energetic materials.
The present results confirm previous reports that ␥ phase is an early, intermediate product during mechanical alloying of Al-rich compositions which continues to dissolve into the ␣ phase as milling progresses. 15, 16 The relationship between bulk Mg concentration and Mg concentration of the ␣ phase observed in the present work further suggests that the steady state after prolonged milling consists of a systematic compositional balance of ␣ and ␥ phases (Fig. 3 , Table I ). In contrast, the ␤ phase is never observed. However, ␤ phase and its precursors are known to form during aging of supersaturated ␣ phase. 9 It is therefore suggested that precursors of the ␤ phase are present in the mechanical alloys although not detectable by XRD.
This hypothesis is supported by the results of thermal analysis. Endothermic peaks at temperatures less than 100°C on heating Al-Mg alloys with supersaturated ␣ phase have been attributed to the breakdown of GuinierPreston (GP) zones. 9, 22 These zones are two-dimensional precipitates within the ␣ phase that form on dislocations during aging at ambient conditions and act as nucleation points for ␤ phase. The observed endothermic peak at low temperatures (Fig. 7 , Table II ) therefore qualitatively indicates their presence. At higher temperatures, the formation of ␥ phase was observed to be accompanied by an exothermic peak at about 150°C in mechanical alloys. 16 This is consistent with the observation of ␥ phase in an Al 0.7 Mg 0.3 MA heated to 200°C in the present work (Fig. 9) . The interpretation of this DSC peak as formation of ␤ phase, as suggested in Ref. 15 , cannot be supported based on the present results. Peak assignment above 250°C is more tentative. A number of exothermic peaks between 250 and 300°C have been observed, both, in quenched alloys 9, 22 and mechanical alloys. 15, 16 From a structural analysis on quenched alloys, 9,22 two exothermic events in the temperature ranges 180-290°C and 280-330°C have been attributed to the formation of ␤Ј and ␤ phase, respectively. This is generally consistent with the observation of ␤ phase in Al 0.7 Mg 0.3 MA heated to 300°C in the present work (Fig. 9) . The exothermic The exothermically biased background seen to varying degrees in all samples (Figs. 7 and 8) has not been described for quenched alloys, nor has it been systematically described for mechanical alloys. One possible explanation is the gradual relaxation of mechanical stress accumulated during the MA process, as well as loss of interfacial (grain boundary) area due to coarsening. Accelerated grain growth has been observed to occur in heavily strained Al-3%Mg alloy at temperatures above about 100°C, 23 supporting this interpretation. Activation energies determined in this work for exothermic reactions associated with ␤Ј/␤ formation in Al-Mg mechanical alloys (Table III) are generally larger than the activation energy of 78 kJ/mol reported for ␤ formation in rapidly quenched alloys. 5 The apparent activation energy decreases with increasing Mg concentration. The value obtained for the exothermic transition in the Al 0.9 Mg 0.1 mechanical alloy is likely influenced by the overlap of the exothermic event (334.6°C) with the following endothermic event (348.9°C, Fig. 7 , Table III ) and therefore should be regarded with caution.
VI. SUMMARY AND CONCLUSIONS
A number of mechanical alloys in the Al-Mg binary system have been prepared in a shaker mill. The mechanical alloys consist of supersaturated ␣ phase and ␥ phase. Additional amorphous material is likely to be present, although it has not been detected by x-ray diffraction. The maximum degree of supersaturation of the ␣ phase achievable is sensitive to milling conditions. Higher milling energy (increased BPR) combined with higher levels of PCA to prevent caking leads to stronger supersaturation. The highest Mg concentration of the ␣ phase observed in the present work is 20. On heating, the mechanical alloys transform to equilibrium phase assemblages via a series of distinguishable steps. Individual transitions that were identified by XRD of intermediate products are the crystallization of ␥ phase near 170°C, and the precipitation of ␤ phase in the range of 250-350°C. The activation energy for the ␤Ј/␤ phase formation has been determined as a function of alloy composition. The values of approximately 250 kJ/mol are roughly three times as large as activation energies reported for ␤ formation from rapidly quenched Al-Mg alloys, suggesting different transformation kinetics in mechanical and quenched alloys. Further peaks have been observed by DSC at temperatures near 400°C in mechanical alloys with more than 30 at.% Mg but have not been assigned to structural transitions. In addition to structural transitions at defined temperatures, the relaxation of the mechanical alloys is associated with a spreadout exothermic effect starting at about 100°C and continuing over the entire temperature range investigated (T max ‫ס‬ 420°C). The magnitude of this effect is on the order of 2.5 kJ/mol (100 J/g). The heat effects of the identified DSC peaks are being considered in ignition models describing the behavior of Al-Mg mechanical alloys in energetic formulations. 8 Possible influence of the observed phase transformations on oxidation kinetics will also be addressed. The overall exothermic character of the relaxation of the mechanical alloys is expected to be at least partially responsible for the previously reported accelerated ignition and combustion of aerosols of Al-Mg mechanical alloys.
